INTRODUCTION
============

High-temperature superconductor (HTS) cuprates are very important materials for a range of energy applications, and increasing their superconducting transition temperature (*T*~C~) is an important goal. There are a range of cuprates with *T*~C~ values above 100 K, even up to \>150 K in Hg-based compounds under pressure ([@R1]), but their structures and processing are highly complex, and most cuprates have strong electric anisotropy, which means that their in-field properties are poor. Increasing the *T*~C~ value of single-layer cuprates could lead to strong benefits for practical applications, in terms of both performance and cost ([@R2]).

From a phenomenological perspective, the methods for achieving high *T*~C~ in the cuprates are well known ([@R3]): (i) optimize the carrier concentration in the CuO~2~ planes ([@R4]); (ii) eliminate defects and disorders in the CuO~2~ planes ([@R5], [@R6]); (iii) make the planes flat, square, and of optimal size \[superexchange coupling of Cu--O--Cu in the planes correlates with the superconducting order parameter; the *a* parameter (*a*) should be optimized\] ([@R7], [@R8]); (iv) optimize the interplanar distance; and (v) have a large Cu-apical oxygen (Cu-O~A~) distance to ensure that carriers are localized in the CuO~2~ planes \[the *c* parameter (*c*) should be maximized\] ([@R9]--[@R11]).

For point (v), the close relationship between the *T*~C~ and Cu-O~A~ distance has been demonstrated experimentally by chemical substitution of cations ([@R6], [@R12]--[@R14]), application of hydrostatic pressure ([@R15]--[@R17]), and control of Madelung (electrostatic) potential ([@R18], [@R19]). [Figure 1A](#F1){ref-type="fig"} shows the strong dependence of *T*~C~ on the Cu-O~A~ distance and the charge carrier hopping range for hole-doped cuprates, including one-, two-, and three-layer systems ([@R11], [@R20]).

![*T*~C~ versus Cu-O~A~ distance/hopping range istance for cuprate superconductors and the standard VAN structure.\
(**A**) *T*~C~ versus Cu-O~A~ distance/hopping range for one-, two-, and three-layer cuprate systems \[main data from ([@R20])\]. La~2~CuO~4+δ~ and La~2--*x*~Sr*~x~*CuO~4~ both have maximum *T*~C~ values of 40 K in bulk, as indicated on the plot by the red point. The calculated correlation between *T*~C~ and the hopping range (the range where holes can hop in the CuO planes), which is linked to the Cu-O~A~ distance, is shown on the top axis ([@R20]). A larger hopping range and a weaker contribution of the d~z2~ orbital of Cu give more localized conduction (more 2D-like) in the CuO~2~ layers ([@R9]--[@R11], [@R20]), and these lead to the higher *T*~C~. The standard VAN structure aimed for in this work is composed of a LaCuO~3~ film matrix, with La~2~CuO~4+δ~ nanopillars incorporated by self-assembled growth, as shown in three-dimensional (3D) (**B**) and 2D views (**C**).](aav5532-F1){#F1}

In the (La,Sr)~2~CuO~4+δ~ system, in-depth studies of interfaces have been instrumental to control Madelung strain, electronic reconstruction, and mobile charge carrier concentration ([@R18], [@R19], [@R21]--[@R24]). (La,Sr)~2~CuO~4+δ~ is an ideal system to study the tuning of the lattice in relation to *T*~C~, because it has a relatively low variation of excess oxygen content (i.e., 0.05 \< δ \< 0.13) and is less likely to lose oxygen in response to strain compared to, for example, YBa~2~Cu~3~O~7--*x*~.

The landmark work of metal/superconductor or metal/insulator bilayer La~1.55~Sr~0.45~CuO~4~/La~2~CuO~4+δ~ films grown on LSAO (LaSrAlO~4~) showed a strong link between *T*~C~ and Cu-O~A~ in La~2~CuO~4+δ~. *a* was controlled by epitaxial strain with the substrate, and *c* (and hence Cu-O~A~) was controlled by Madelung electrostatic strain (out-of-plane Coulomb interactions) ([@R18], [@R19], [@R25]). *T*~C~ was increased to 50 K at the bilayer interface in a single unit cell ([@R18], [@R19]). Doping studies, in addition to Madelung strain, also showed the importance of lattice expansion on *T*~C~ ([@R14]). The bilayer thin film work confirmed previous uniaxial mechanical tensing (8 GPa) along the *c* direction in La~1.85~Sr~0.15~CuO~4~ single crystals, where *T*~C~ was increased to 52 K from \~40 K ([@R17]). We note that strain effects have also been shown to be important in FeSe superconductor films and, with *T*~C~, increased by up to 65 K from 8 K at the film/substrate interface ([@R26]).

It is important to note, however, that while LSAO is a very standard substrate for growth of the (La,Sr)~2~CuO~4+δ~ films, whether in heterostructures or plain films, it is not an ideal substrate from a structural matching viewpoint ([@R19]) because *a* = 3.755 Å, which is much smaller than the optimum value (\~3.84 Å) to achieve a maximum *T*~C~ ([@R7], [@R8], [@R27]). Hence, point (iii) in the above list of methods for HTS is not optimized for epitaxial growth of single-layer cuprates on LSAO. The phenomenological relationship between the maximum achievable *T*~C~ obtained for a wide range of cuprate superconductors and *a* is shown in [Fig. 4E](#F4){ref-type="fig"}.

It is also important to note that the standard epitaxial thin films of La~2~CuO~4+δ~ have a lower *T*~C~ value than the bulk value (\~40 K). Despite the nonoptimized lattice structure of LSAO, the highest *T*~C~ La~2~CuO~4+δ~ films are grown on this substrate; hence, a *T*~C~ value of \~35 K (5 K lower than the bulk value) is achieved ([@R19]). Only Naito *et al*. ([@R28]) presented a much enhanced *T*~C~ of 57 K in films of La~2~CuO~4+δ~ grown on LSAO. They postulated that this high *T*~C~ was due to the epitaxial strain. However, this result was never reproduced, although the epitaxial strain effect on superconductivity has been widely explored ([@R19], [@R28]--[@R30]). Lower *T*~C~ values are obtained on other substrates ([@R31]), and this is likely related to disorder effects in addition to non-optimized strain effects. The use of epitaxial strain to tune the strain in plain La~2~CuO~4+δ~ films is not ideal because it is not possible to simultaneously optimize *a* and *c*, i.e., they cannot be controlled independently owing to Poisson/elastic effects ([@R19], [@R32]). Hence, points (iii) and (v) in the above list of the methods for HTS will not be optimized simultaneously.

The question to be explored in this work is whether it is possible to increase *c* in the (La,Sr)~2~CuO~4+δ~ system without reducing *a*, which is the case when the standard LSAO substrate is used, and therefore whether it is possible to further increase *T*~C~. The work also explores whether it is possible to achieve more than just a single unit cell effect. As described below, the approach used is to engineer the lattice strain in a new way so that the Cu-O~A~ distance is increased and the in-plane distance is not reduced compared to bulk.

We use a vertically aligned self-assembled (i.e., naturally formed) nanocomposite (VAN) system in which the interfaces are clean, i.e., there are no second phases or chemical mixing, which can occur with artificial superlattices ([@R33]). The standard common VAN structure is shown in [Fig. 1 (B and C)](#F1){ref-type="fig"}. Our aim is to create a VAN structure consisting of vertical La~2~CuO~4+δ~ nanostructures, e.g., standard nanopillars, in a LaCuO~3~ matrix. We chose to use pure La~2~CuO~4+δ~, and not La~1.85~Sr~0.15~CuO~4~ \[(Sr)214\], because Sr would also substitute in LaCuO~3~, which would lead to suboptimal and, more importantly, unspecified doping in La~2~CuO~4+δ~. We chose LaCuO~3~ as a strain-controlling phase because it will not poison La~2~CuO~4+δ~ and contains the same chemical constituents. In addition, because LaCuO~3~ contains Cu^3+^, it can act as an oxidizing source to dope La~2~CuO~4+δ~ ([@R34]). Under the film growth conditions, LaCuO~3~ will most likely be in the composition range, LaCuO~3--δ~, 0 \< δ \< 0.5, which will make it antiferromagnetic ([@R35], [@R36]). In our pure La~2~CuO~4+δ~ system, optimal hole doping then relies on obtaining highly oxygenated La~2~CuO~4+δ~.

In a VAN structure, the La~2~CuO~4+δ~ nanostructured inclusions will be stretched along the out-of-plane *c* direction by vertical epitaxy with the LaCuO~3~ matrix. We do not use chemical substitution for inducing strain as this simultaneously expands (or contracts) both the out-of-plane and in-plane lattice parameters. In addition, we do not use substrate control of *a* to induce an elastic expansion of *c* (and hence the Cu-O~A~ distance) because this will require shrinkage of *a*, which is undesirable. We use a (001)-oriented SrTiO~3~ (STO) substrate to enable La~2~CuO~4+δ~ to keep its bulk *a*. This is the case because La~2~CuO~4+δ~ does not grow coherently on STO owing to the different lattice structures ([@R31]).

The VAN approach is very different to the heterostructure Madelung strain approach because (i) the in-plane parameter should be maintained at the bulk value and is not reduced by growth on LSAO; (ii) it is relatively simple as films are grown from a composite target; (iii) it allows growth of billions of interfaces per film rather than just one or a few, giving the possibility to increase *T*~C~ of the whole film if the interfaces are closely spaced enough; and (iv) the vertical strain in the La~2~CuO~4+δ~ nanopillars is highly tunable by choosing different matrix materials.

Here, La~2~CuO~4+δ~ is referred to as 214 and LaCuO~3~ is referred to as 113. Although detailed elastic moduli are not available for both 113 and 214, 113 is assumed to be stiffer than 214 along the *c* direction because the layered 214 structure should be more compliant along the *c* direction. Hence, the hypothesis is that 113 will dominate the strain state in 214 via vertical epitaxy.

We note that while 113 has the same basic building blocks as 214, i.e., the LaCuO~3~ perovskite units contain CuO~6~ octahedra, it is nonsuperconducting, likely because it contains a three-dimensional (3D) network of O--Cu--O bonds ([@R35]). Depending on its oxygen content, 113 ranges from a poor metal to an insulator to a semiconductor ([@R36]). In terms of its magnetic properties, 113 has a rich magnetic phase diagram showing antiferromagnetism (AFM), Pauli paramagnetism, or AFM with ferromagnetic canting, depending on the oxygen content ([@R36]).

More than 10 epitaxial, self-assembled thin films of 214 and 113 (thickness, \~25 to 100 nm) were grown from a single mixed ceramic target by pulsed laser deposition (PLD) onto (001) STO substrates. STO was chosen as the substrate as it has a perovskite structure similar to that of 113, and so, 113 will be epitaxially stabilized on STO. 113 has a tetragonal structure (*a* = 3.8189 Å; *c* = 3.97268 Å; unit cell volume, 57.993 Å^3^) when it is fully oxidized ([@R34]--[@R36]). Because *c* is most closely matched to *a* of STO (*a* = 3.905 Å), the films are expected to grow with the out-of-plane *a* axis, giving *a* axis--oriented 113 films (*a*-113). As already mentioned, because 214 is structurally mismatched to STO, this means that 214 will not grow coherently on the STO and so should be relaxed in plane ([@R31], [@R32]). From the point of enhancing *T*~C~, a relaxed *a* for 214 (i.e., 3.79 Å) is preferable over a reduced one, as is the case when it is grown epitaxially on LSAO (i.e., 3.755 Å).

We used a composite PLD target of 214:113 with an atomic ratio (*n*:*m*) of 2:3. There is a good stoichiometry transfer from target to films using PLD, and so, the atomic ratio was assumed to be the same in the films and target. We aimed to achieve relatively fine nanostructures of *c* axis--oriented 214 (*c*-214) inclusions in the 113 matrix so that, as much as possible, 214 would be strained vertically by 113 without relaxing laterally to the bulk value. A smaller fraction of 214, and hence a lower *n*/*m* value, would give finer nanostructures ([@R33]), but a very small value means that the nanostructures would become discontinuous.

All films, except for one, labeled S5, were grown using the same growth and annealing conditions as described in Materials and Methods. S5 was cooled without post-annealing in O~2~ after growth.

We show that *T*~C~ can be increased to \~50 K in 214 VAN films, consistent with the observation of \>10 nm highly strained (expanded *c* without reduction) regions around the 214/113 interfaces, in which there are billions in each film, i.e., in much larger volumes than in previous artificial superlattice studies. More than 10 films were grown with enhanced *T*~C~. We note that 214 films or La~1.85~Sr~0.15~CuO~4~ \[(Sr)214\] films of similar thickness grown on STO are not superconducting \[this work, ([@R32])\] and highly optimized films grown on LSAO have *T*~C~ values of \~35 K ([@R19]). Our work shows that the increased *T*~C~ is closely linked to increases in *c*, while *a* lies close to the bulk value. It also shows that the VAN approach eliminates the need for post-annealing under highly oxidized conditions. We propose how to increase the volume fraction of the 50 K phase in the VAN films and how to further increase *T*~C~.

RESULTS AND DISCUSSION
======================

We focus on the properties of the five \~25-nm-thick films (films S1 to S5). Films of 50 nm thick and above did not provide reliably increased *T*~C~ values. As we will show later, this is related to strain relaxation of the strain-controlling *a*-113 phase.

We show that simple O~2~ annealing, rather than O~3~ annealing, as is normally the case for plain 214 films, is sufficient to provide hole doping for superconductivity. We further show this using x-ray photoemission spectroscopy (XPS) on two nanocomposite films: one cooled without post-annealing in O~2~ after growth (S5) and the other with post-annealing at a *P*O~2~ (partial pressure of oxygen) of 500 mbar for 1 hour after growth (S3).

As shown in note S1, the valence band (VB) spectra for both samples consist of strongly hybridized states of Cu3d and O2p. S3 shows a metallic state as confirmed by the appearance of a density of states across the Fermi level, whereas S5 is insulating. The VB spectrum of S5 is in agreement with the insulating phase of 214. The metallic state of S3 is consistent with a hole-doped induced insulator-to-metal transition, i.e., excess oxygen by annealing in oxygen.

Further evidence of excess oxygen is confirmed by the concurring shift of the binding energies (BEs) of La 4d and O1s toward lower values of S5. This BE shift is due to a downward shift of the Fermi energy (chemical potential) by hole doping, which has been observed in many hole-doped transition metal oxides and hole-doped cuprate oxides ([@R37]). Hence, S3 was oxygenated without carrying out super-oxygenation or ozone annealing after growth, as is normally the case to make 214 superconducting ([@R19], [@R30], [@R32]). In addition, with 113 as an oxygen source in the film, local stretching of *c* in 214 may also enable easier oxygen incorporation into interstitial positions, as we will discuss later.

We now focus on the superconducting properties of the films. [Figure 2A](#F2){ref-type="fig"} shows the temperature dependence of resistance, *R* (T), for film S1, with a bias current *I* = 100 μA. A *T*~C~ onset of \~50 K is observed with a broad transition. The measuring geometry is from top to bottom, i.e., from the top electrode \[platinum (Pt)\] to the bottom electrode (Nb:STO substrate), as shown in the inset of [Fig. 2A](#F2){ref-type="fig"}. It was necessary to do a top-to-bottom measurement because a lateral superconducting path would be blocked by the 113 phase. Room temperature conductance atomic force microscopy demonstrates the film structure of conductive regions embedded in insulating ones and is presented in note S2. The dependence of *R* (T) on the bias current (*I*) for film S2 is shown in note S3. One or more factors could be responsible for the broad superconductor transition: (i) The superconducting path may not be continuous from the top to the bottom of the film, leading to percolation effects that can broaden the transition. As shown in [Fig. 3E](#F3){ref-type="fig"}, the *c*-214/*a*-113 interface is stepped, and so, the superconducting path could be tortuous. (ii) A very thin (two to three unit cells) insulating tunneling layer of *a*-113 is present at the interface between the *c*-214 film and the STO (also observed in [Fig. 3E](#F3){ref-type="fig"} and detailed in note S3). (iii) The superconducting regions are filamentary and characterized by different *T*~C~ onsets due to an inhomogeneous strain distribution at the *c*-214/*a*-113 sample interfaces ([@R38]--[@R40]).

![Measurements of superconductivity in films S1, S3, and S4.\
(**A**) Resistance versus temperature, *R* (T), measured in a four-probe configuration during warming with bias current *I* = 100 μA (top) and corresponding ZFC temperature dependence of the dimensionless magnetic moment (bottom), *M* (T) -- *M* (200 K), for the same thin film at *H* = 100 Oe. The inset of the top panel shows the top-to-bottom measurement geometry. (**B**) Differential conductance d*I*/d*V* versus applied voltage *V* tunneling spectra measured (except the cyan curve) at 4.2 K, demonstrating the large variation of gap widths (Δ) and depths. The inset shows a topographic image of an area where the blue (Δ = 5 meV) and red (Δ = 10 meV) spectra were acquired. The cyan curve was measured at 78 K, well above *T*~C~, showing no superconductivity-related features. (**C**) Spatial evolution of proximity-induced superconducting gaps in an Au-coated film measured across the 25-nm-long white line drawn on the STM topographic image, as shown in the top inset. The lower inset image (planar TEM image of the film surface) shows possible scan regions, which cross dense regions of the film, i.e., there are no pores in the film.](aav5532-F2){#F2}

![Microstructure, alignment, and structural analyses of 214:113.\
(**A**) XRD 2θ-ω spectra showing coexistence of *c*-214 and *a*-113. In addition, a small amount of *a*-214 is detected. (**B**) Plan-view TEM image showing an orthogonal pattern of *a-*214 grains embedded in the main film matrix. (**C**) Low-magnification cross-sectional STEM image. (**D**) Schematic structure of the film in (C). The white-boxed regions, a and b, represent interfacial regions that are studied further by high-resolution STEM and lattice parameter analyses. (**E**) High-resolution STEM image of the *c*-214/*a*-113 interface \[white-boxed region a of (C) and (D)\]. Crystal matching of two unit cells (u.c.) of *c*-214 with seven unit cells of *a*-113 is observed. (**F**) Schematic structural model showing two unit cells of *c*-214 matching with seven unit cells of *a*-113. The unit cells of 214 and 113 are outlined. The out-of-plane lattice parameters quoted are the bulk values. The La pseudo-cubic block in 214 is also outlined. The CuO~6~ octahedra, but not the individual Cu atoms, are shown.](aav5532-F3){#F3}

The electrically measured *T*~C~ onset of 50 K agrees with the temperature where the diamagnetic Meissner component becomes dominant in the zero-field cooled (ZFC) *M* (T) curve, as shown in the bottom of [Fig. 2A](#F2){ref-type="fig"}. The Meissner signals were approximately few × 10^−6^ electromagnetic units at 10 K, indicating a \~5% superconductor volume fraction in the film.

To further explore the spatial variation of superconductivity, we undertook low-temperature (4.2 K) scanning tunneling microscopy (STM) and spectroscopy (STS) measurements on films S3 and S4 (that had a gold capping layer). The highly resistive 113 regions (at 4.2 K) prevented us from performing stable large-scale topographic images on sample S3 and achieving clear topography-spectroscopy correlations due to the many tip-sample crashes we encountered. To overcome this problem, we prepared a gold-coated (S4) sample, where correlations between topography and proximity-induced superconductivity were achieved. Let us first address the STS measurements performed on film S3. Superconducting gaps (Δ) in the differential conductance (d*I*/d*V*) versus applied voltage (*V*) tunneling spectra were found in localized areas. The gap values (Δ) and depths (zero-bias conductance) largely varied over the sample, the first from \~10 to \~2 meV and the second from \~0.55 to \~0.95 of the normal tunneling conductance, as demonstrated in [Fig. 2B](#F2){ref-type="fig"}.

The quasi-particle coherence peaks observed in our tunneling spectra are smeared and much smaller compared to those typically observed in spectra measured on conventional superconductors, as well as on some of the high-temperature cuprate superconductors such as Bi~2~Sr~2~CaCu~2~O~8~ (Bi2212). Our results, however, are consistent with measurements performed on optimally doped (Sr)214 single crystals (*T*~C~ of 40 K) after cleaving under He gas ([@R41]). According to Kato *et al*. ([@R41]), in an optimally doped (Sr)214 single crystal, over 70% of the spectra have no apparent coherence peaks, and the magnitude of the observed peaks (if they exist) is much weaker than that typically observed for Bi2212. In our experiment, the coherence peaks may be further reduced because of spatial averaging in our nonhomogeneous sample and/or degraded surface conditions resulting from sample transfer from the growth chamber to the STM apparatus. In that respect, we note that STM/STS is a surface-sensitive tool ([@R42]), even to the level of identifying surface order parameter symmetry differing from that in the bulk ([@R43]), and therefore, signatures of d-wave superconductivity (which may exist in the bulk of our cuprate samples) can be reduced in the STM tunneling spectra due to surface disorder ([@R44]). However, d-wave superconductivity is still observed, although in a subtle way, by the in-gap spectral structure observed in the green and black curves in [Fig. 2B](#F2){ref-type="fig"} (resulting in relatively high zero-bias conductance), manifesting the effect of zero-energy Andreev-bound states.

Moreover, we could fit well our STS data to spectra calculated using the theory for tunneling into a d-wave superconductor ([@R45]) over a wide range of tunnel barrier strengths, as detailed in notes S4 and S5. We also discuss in note S4 the correlation between the topographic image presented in the inset of [Fig. 2B](#F2){ref-type="fig"} and the red and blue spectra. A maximal observed gap value of \~10 meV is close to that of optimally doped (Sr)214 single crystals (*T*~C~ of 40 K) measured after cleaving under He gas ([@R41]). Because our films were not vacuum-cleaved, their surfaces may have degraded, leading to a reduction in *T*~C~. Hence, the 50 K measured from the *R* (T) data is broadly in agreement with the maximal 40 K related measured gap by STS. As shown in [Fig. 2B](#F2){ref-type="fig"}, much narrower gaps were also observed in different regions of film S3, indicating regions of lower *T*~C~ (\<40 K) material ([@R41]) or highly degraded surface.

Further evidence of a spatial gradient of superconductivity was gained by studying the Au-capped film S4. The Au capping layer enables good measurement stability to be achieved over large scan areas, which contain regions of very low conductivity within which superconducting islands are embedded, as shown in ([@R46]). In our sample, proximity-induced superconducting islands develop in the Au film in regions that are directly connected to superconducting regions in the underlying film, and their spatial extension can be monitored by STS. [Figure 2C](#F2){ref-type="fig"} demonstrates such measurements. The red curve was measured at the middle of the line, the green and blue curves were measured on the left, and the brown and black curves were measured on the right. It is important to note that we do not know the underlying surface morphology, so we can only speculate that the red curve was measured near the 113-214 boundary (showing the widest and deepest gap), the green and blue curves on the 214 nanostructure region, and the brown and blue spectra on the 113 region (where the gap is expected to decay over a shorter distance).

To understand the origin of the \~50 K *T*~C~, we undertook a detailed analysis of the crystal structure of film S3 in different regions of the film, in particular at interfacial regions. All the films are of very high epitaxial quality with a major fraction of *c*-214 and *a*-113 and some minor *a* axis--oriented 214 (*a*-214) ([Fig. 3A](#F3){ref-type="fig"}).

The lattice parameters of the 214 films grown on STO were all in the range of *a* = 3.79 to 3.81 Å, *c* = 13.08 to 13.14 Å. *a* is slightly larger and *c* is slightly smaller than the bulk value of 214 (*a* = 3.794 Å), possibly because of a partial strain effect from the STO substrate. The minor *a*-214 is also observed in the planar transmission electron microscopy (TEM) image and exhibits an orthogonal pattern as shown in [Fig. 3B](#F3){ref-type="fig"}.

Note S2 shows AFM topographic images of the same film. At first glance, the AFM images are similar to the planar TEM images as shown in [Fig. 3B](#F3){ref-type="fig"}. However, at closer inspection, a different structure is seen, i.e., a much denser pattern of orthogonal grains is observed. Hence, these grains are not the minor *a*-214 grains observed in [Fig. 3B](#F3){ref-type="fig"}. There is a 1:1 correspondence between the topography and current images in note S2, indicating that the film microstructure is made up of a major fraction of orthogonal conducting grains embedded in a nonconducting matrix.

Considering the XRD (x-ray diffraction), TEM, and AFM data altogether, the conducting grains correspond to *c*-214 and the nonconducting matrix is *a*-113. The structure differs from the idealized VAN nanopillar structure of [Fig. 1B](#F1){ref-type="fig"}, which shows isolated nanopillars. Here, we have a highly faceted plate-like form of inclusions instead of nanopillars. Such a faceted structure should enable highly effective vertical strain control of *c*-214 by vertical epitaxy with *a*-113.

Further cross-sectional scanning TEM (STEM) analysis ([Fig. 3C](#F3){ref-type="fig"}) reveals that the film is composed of *c*-214 and *a*-113, and the minor *a*-214 is present at some boundaries between *c*-214 and *a*-113 in the upper parts of the film. Roughly equivalent amounts of *c*-124 and *a*-113 grains are observed, consistent with the ratios of phases mixed in the target material, i.e., 214:113 = 2:3. In addition, the phases observed are the same as in the XRD plot of [Fig. 3A](#F3){ref-type="fig"} and the planar TEM of [Fig. 3B](#F3){ref-type="fig"}. [Figure 3D](#F3){ref-type="fig"} shows a schematic structure of the film. The white-boxed areas (a and b) highlight regions that are probed more closely by cross-sectional STEM and spatial lattice parameter analyses to determine the origins of the 50 K phase.

We first examine Box a ([Fig. 3E](#F3){ref-type="fig"}), which shows a nearly vertical *c*-214/*a*-113 boundary. In the region close to the substrate, *c* in the *a*-113 film is perfectly strained to the STO substrate and adopts the in-plane lattice parameter of STO, i.e., 3.905 Å. Hence, according to volume conservation, *a* in the *a*-113 film will be 57.993/(3.9052)^2^ = 3.803 Å. This value is slightly lower than the global *a* measured for *a*-113, which is 3.814 Å from XRD. A value of 3.814 Å is closer to the bulk value of 3.8189 Å for 113, consistent with the fact that there is some relaxation of *a* with film thickness.

The *c*-214/*a*-113 interface in [Fig. 3E](#F3){ref-type="fig"} is stepped and not sharp and likely forms in this way to minimize interfacial energy in this high-energy interface from the dissimilar crystal structures. The *c*-214 grains are tilted by approximately 1° to 2° with respect to the horizontal plane. 113 grows *a* axis oriented on STO because *c* of 113 (*a* = 3.8189 Å and *c* = 3.97268 Å, for the fully oxidized tetragonal phase) more closely matches *a* of STO (3.905 Å). The phase grows coherently with the STO, as expected for these same crystal structures. *c*-214 grows on a very thin layer (two to three unit cells of 113 as shown in the left panel of [Fig. 3E](#F3){ref-type="fig"}). *c*-214 grows more easily on *a*-113 than STO because 214 and 113 contain CuO~6~ building blocks, but it grows incoherently due to lattice misfit of the crystal structures.

In several regions of the vertical interface in [Fig. 3E](#F3){ref-type="fig"}, domain matching epitaxy (DME) of exactly two unit cells of *c*-214 with seven unit cells of *a*-113 is observed. A schematic of the crystal structure matching is shown in [Fig. 3F](#F3){ref-type="fig"}, with the interfacial region indicated by horizontal arrows. By knowing the value of *a* in 113, *c* in *c*-214 at the interface can be estimated using DME. Taking the lower *a* value of 3.803 Å, *c* in *c*-214 is calculated to be \~7 × 3.803/2 = 13.310 Å, which is much higher than the bulk value of 13.165 Å. *c* would be even higher toward the top of the film, where *a* in *a*-113 is larger owing to *a*-113 lattice relaxation with thickness.

We now measure the local lattice parameters in a *c*-214 grain bounded by *a*-113 and compare these values with the above calculated value. [Figure 4A](#F4){ref-type="fig"} shows a magnified STEM image of Box b of [Fig. 3 (C and D)](#F3){ref-type="fig"}. A horizontal line is shown from I to II in [Fig. 4A](#F4){ref-type="fig"}, along which the lattice parameter calculations were made using an open source package, Atomap. Lines I to II represent a region in the *c*-214 grain that is not overlapped with the *a*-113 interface. Considering the nonvertical nature of the interfaces and the possible overlapping near the interfaces, points close to the *a*-113 interfaces on the left- and right-hand side could be influenced by the *a*-113 lattice. Point I was \~5 nm from the left-hand *a*-113 interface, whereas point II was \~2 nm from the right-hand *a*-113 interface. Analyses were undertaken to determine the lattice parameters spatially, as described in detail in Materials and Methods. This enabled the lattice parameters of each unit cell to be measured within ±0.01 Å.

![Structural analyses of 214:113.\
(**A**) STEM image of the *c*-214/*a*-113 boundary within white dashed Box b in [Fig. 3 (C and D)](#F3){ref-type="fig"}. The blue arrow from points I to II shows the horizontal distance where the lattice parameters were analyzed. The out-of-plane lattice parameters of the film were analyzed along the slanted lines that run parallel to the boundary and then averaged. (**B** and **C**) Lateral variation of the lattice parameters across the region from points I to II. The bars on each point reflect the variation in lattice parameters over the slanted regions in (A). The brown solid lines indicate the bulk lattice parameters of 214. (**D**) Relation of *T*~C~ and *c*. The averaged *c* values from regions 1, 2, and 3 in (B) and (C) are included in (D), as well as the data for bulk 214 (oxygenated and Sr-doped) and 214 films grown on LSAO substrates from ([@R19], [@R32]). The projected influence of *a* on the plot \[as determined from (E)\] is shown schematically by the blue arrow. The yellow dashed line is a guide for 214 on LSAO ([@R19]). Yellow, red, and blue zones have the same slope as the guide for 214 on LSAO but with different *a*. (**E**) Maximum *T*~C~ versus *a* ([@R7], [@R8], [@R27]) for optimized cuprates. A strong dependence of *T*~C~ on *a* (and hence the in-plane Cu-O distance) is observed with a peak in *T*~C~ at *a* \~ 3.84 Å ([@R7], [@R8]). Zones A, B, and C from (D) are included on the plot to show the good fit of the experimental data of this work to the "model" plot.](aav5532-F4){#F4}

At the region closest to the interface, i.e., in circled regions 1 to 3 in [Fig. 4B](#F4){ref-type="fig"}, *c* in *c*-214 is very high, without *a* being reduced substantially in comparison with the bulk value of 3.794 Å, and this explains the \~50 K superconductivity ([@R19]). The enhancement of *c* by different amounts over a region of \~10 nm agrees with the broadened *R* (T) and the STM measurements ([Fig. 2](#F2){ref-type="fig"}) and with the \~5% volume fraction of superconducting phase obtained from the magnetization measurements. The average *c* values in the three different regions of [Fig. 4B](#F4){ref-type="fig"} are determined to be 13.28 ± 0.01 Å (region 1), 13.22 ± 0.01 Å (region 2), and 13.20 ± 0.01 Å (region 3), compared to the bulk value of *c* = 13.165 Å. The corresponding *a* values from the three different regions of [Fig. 4C](#F4){ref-type="fig"} are 3.76 ± 0.01 Å, 3.78 ± 0.01 Å, and 3.79 ± 0.01 Å, compared to the bulk value of *a* = 3.794 Å.

The strong interfacial stretching of *c* to 13.28 ± 0.01 Å in region 1 is close to the calculated value of 13.310 Å from DME. The slightly smaller value is explained by the value not being measured right at the interface. Moving from the interface into the bulk of the *c*-214 grain, i.e., from II to I in [Fig. 4A](#F4){ref-type="fig"}, *c* decays to a value of 13.02 ± 0.01 Å, i.e., lower than the bulk value (*c* = 13.1646 Å), but it rises again to the bulk value further into the *c*-214 grain.

*a* shows an inverse relation to *c*, as expected from elastic effects. The lattice parameters in *c*-214 have a spatial variation from the *a*-113 interface into the bulk of the *c*-214 grain. From very high *c* at the interface, there is dipping of *c* (and corresponding peaking of *a*) when moving into the *c*-214 grains. This can be explained by a residual stress state, compensating the strong vertical stretch near the interface. The higher-than-bulk *c* values will produce regions of higher *T*~C~ values, and the lower-than-bulk *c* values will produce regions of reduced *T*~C~ values.

[Figure 4D](#F4){ref-type="fig"} shows *T*~C~ versus *c*. The *c* values were experimentally determined from [Fig. 4B](#F4){ref-type="fig"}. Literature data for bulk 214 and films grown on LSAO ([@R19], [@R32]) are also included. The *a* values determined from [Fig. 4C](#F4){ref-type="fig"} are also included in [Fig. 4D](#F4){ref-type="fig"}. The influence of *T*~C~ on the out-of-plane distance for cuprates was shown earlier in [Fig. 1A](#F1){ref-type="fig"}, and the analogous *T*~C~ versus *a* plot is shown in [Fig. 4E](#F4){ref-type="fig"}, together with the *a* values measured in [Fig. 4C](#F4){ref-type="fig"}.

In [Fig. 4D](#F4){ref-type="fig"}, for a given *c*, as one moves diagonally to the left of the diagram to the direction of the blue arrow, *T*~C~ increases rapidly with *a*. The yellow, red, and blue zones in [Fig. 4D](#F4){ref-type="fig"} have different *a* values of 3.75 ± 0.01 Å, 3.77 ± 0.01 Å, and 3.79 ± 0.01 Å, respectively. The slope of the lines has been set at the experimentally determined slope for 214 on LSAO ([@R19]). The wider gap between the red and blue zones compared to the yellow and red zones in [Fig. 4D](#F4){ref-type="fig"} is due to the increasing steepness of the *T*~C~ versus *a* plot ([Fig. 4E](#F4){ref-type="fig"}) with increasing *a*.

Studies, so far, have considered the importance of either apical oxygen (and hence *c*) on *T*~C~ ([Fig. 1A](#F1){ref-type="fig"}) or *a* on *T*~C~. [Figure 4D](#F4){ref-type="fig"} reveals for the first time the great sensitivity of *T*~C~ to both *c* and *a*, and also indicates that a further enhancement of *T*~C~ would be possible in 214 if *c* and *a* were both further stretched. Hence, if *a* was optimized to be closer to the optimum 3.84 Å value ([Fig. 4E](#F4){ref-type="fig"}), then this should push *T*~C~ even higher than the values we have observed in this work. Coherent growth of 214 on a structurally matched substrate with lattice parameters close to 3.84 Å is one possible approach to optimize *a*, as long as the VAN approach is also used to enhance *c* at the same time.

Last, this proof-of-concept work showing the importance of expansion of both *c* and *a* could be developed to give even larger volume fractions of 50 K superconductor than the \~5% obtained here. For example, by using faster growth rates, finer *c*-214 inclusions could be made (20 nm or below is desired so that *c*-214 is within the 10-nm strained interfacial region with the *c*-113 matrix), rather than the \~50-nm inclusions shown here. Achieving a finer microstructural size while maintaining high-quality epitaxy has been demonstrated previously in other VAN systems, even down to sizes as small as 2 to 5 nm ([@R33]).

CONCLUSION
==========

With the aim of vertically strain engineering *c* (and hence the apical distance) in *c* axis--oriented La~2~CuO~4+δ~ (*c*-214), we grew self-assembled, vertically aligned nanocomposite films of La~2~CuO~4+δ~ + LaCuO~3~ (113) on (001) STO. In a simple one-step process without any post-growth oxygenation using ozone and/or high-pressure oxygen as is normally used, 50 K superconducting material was produced in situ. The VAN approach does not reduce the in-plane lattice, as is normally the case for growth of 214 on standard LSAO substrates. The higher *T*~C~ phase is consistent with the presence of \~10-nm-wide regions of expansion of the out-of-plane 214 lattice (*c* parameter) produced at 214/113 vertical interfaces, spaced \~50 nm apart, of which there are billions per film. It is also consistent with the additional effect of relatively high in-plane lattice (*a* parameter). *T*~C~ equals the highest *T*~C~ of 50 K previously observed at one-- to two--unit cell interfaces in ozone-annealed metal/superconductor bilayer heterostructures. Our proof-of-concept work represents an entirely new approach to 3D strain engineering of cuprates, giving the possibility to further enhance *T*~C~ values in 214 and other cuprate superconductors. This could be achieved by using a different strain controlling matrix material and/or different growth substrates, as well as larger volume fractions of higher *T*~C~ superconductor, giving finer (\~20 nm or below) 214 inclusions, with minimal lateral strain relaxation.

MATERIALS AND METHODS
=====================

Target fabrication
------------------

We used a composite ceramic target of 214:113 with an atomic ratio (*n*:*m*) of 2:3. This ratio was chosen because we aimed to achieve relatively fine nanocolumns of *c*-214 so that, as much as possible, the column would be strained vertically by 113 without the column relaxing laterally to the bulk value. A smaller fraction of 214, and hence a lower *n*/*m* value, would give finer columns ([@R47]), but a very small value means that the columns would become discontinuous.

For reference, we made single-material targets of La~2~CuO~4~ (214) and LaCuO~3~ (113). Ceramic targets were synthesized by conventional solid-state reaction. A stoichiometric mixture of La~2~O~3~ and CuO was ground and subsequently calcined at 950°C for 12 hours under oxygen flow. After cooling down the mixture to room temperature, it was ground again, and this process was repeated three times. After this, the mixture was ground and pressed into a 1-inch-diameter pellet disc. The pellet was sintered at 1050°C for 12 hours under oxygen flow.

Thin-film fabrication
---------------------

More than 10 films (thickness, \~25 to 100 nm) were grown by PLD using a KrF excimer laser at a substrate temperature of 700°C with a repetition rate of 2 Hz and a fluence of 1.2 to 1.5 Jcm^−2^ with 0.13 to 0.14 mbar flowing O~2~. After growth, unless otherwise stated, the films were annealed in 500 mbar of O~2~ at 500°C for 60 min and then slowly cooled afterward (at a rate of --10°C/min) to room temperature while maintaining 500 mbar of O~2~ background pressure. The oxygenation conditions for the films are much less oxidizing than standard ozone annealing or high-pressure oxygen (\>70 bar), which are normally required to make standard 214 films superconducting ([@R19], [@R30], [@R32]). This is expected because 113 is a highly oxidized phase with Cu in the Cu^3+^ state. Hence, it has the potential to oxidize 214 in the composite. TiO~2~-terminated (001)-oriented STO and 0.5 weight % Nb--doped STO (Nb:STO) (*a* = 3.905 Å) single-crystal substrates (CrysTec GmbH) were used.

Characterization of structure and physical properties
-----------------------------------------------------

Structural analysis of the films was done by XRD analysis using a high-resolution PANalytical Empyrean vertical diffractometer (Cu Kα radiation). Magnetic property measurements were performed using a superconducting quantum interference device (SQUID; Quantum Design) in a temperature range of 10 to 250 K.

Electrical transport measurements were performed on films grown on Nb:STO substrates using a four-probe configuration with two electrical contacts on Nb:STO and two contacts on a Pt electrode deposited on the thin-film surface with direct current magnetron sputtering. The inset of [Fig. 2A](#F2){ref-type="fig"} shows a top-to-bottom measuring geometry.

XPS was performed using a SPECS PHOIBOS 150 electron energy analyzer with a monochromatic Al Kα x-ray source (*hv* = 1486.6 eV) and a total energy resolution of 500 meV. The BE was calibrated using a polycrystalline Au foil placed in electrical contact with the film surfaces after deposition, which simultaneously helped to avoid charging effects during XPS measurements.

Scanning transmission electron microscopy
-----------------------------------------

An FEI Titan G2 80-200 STEM with a Cs probe corrector, operated at 200 kV, was used in this study. The STEM images were recorded by using a high-angle annular dark-field detector.

Lattice parameter determination
-------------------------------

We used real-space image analysis to obtain maps of lattice parameters. The open source package Atomap (<https://ascimaging.springeropen.com/articles/10.1186/s40679-017-0042-5>, <https://pypi.org/project/atomap/>) was used to extract atomic column positions by fitting 2D Gaussian functions. Pairwise distances between neighboring columns were used to extract lattice parameters. Calibration was done using the distance between Sr columns of the STO substrate in the same field of view. The lattice parameter of STO was assumed to be 3.905 Å. We found that there was a systematic variation of the out-of-plane lattice parameter in the slow scan (out-of-plane) direction, which was likely caused by drift during image capture. To minimize this effect, profiles were taken in the horizontal (fast scan) direction without any vertical component. To cancel the systematic error in the out-of-plane lattice parameter, we calibrated the measured *c* using the values obtained from XRD. The averaged *c* value of *c*-214 from STEM is 13.15 Å, whereas the value from XRD is 13.14 Å for S3. We then calibrated *c* measured from STEM by using the difference between these two values. The systematic errors in the in-plane measurements were very small because they were measured in the fast scan direction. It is also important to consider the random errors in both the out-of-plane and in-plane directions. The random error was estimated by determining the range of lattice parameters measured in the STO substrate along the in-plane direction and was determined to be ±0.02 Å. Each data point in [Fig. 4 (B and C)](#F4){ref-type="fig"} was an average of six measured points along the slanted lines of \~10 nm length parallel to the *c*-214/*a*-113 interface, as shown in [Fig. 4A](#F4){ref-type="fig"}, giving an overall random error of ±0.02 Å/√6 = ±0.01 Å.

Scanning tunneling microscopy
-----------------------------

STM and STS measurements were carried out at 4.2 K using a cryogenic scanning tunneling microscope with a Pt-Ir tip operating in a clean He exchange gas environment. The differential conductance d*I*/d*V* versus the applied voltage *V* spectra were acquired with set current and bias-voltage values of 0.1 nA and 10 mV, respectively. A bias voltage of 100 mV, which is larger than the superconducting gap measured for the films, was used to acquire topographic images. The d*I*/d*V* spectra were fitted with the Dynes model by assuming unconventional d-wave symmetry of the superconducting order parameter. To determine the spatial variation of superconductivity, a gold capping layer was necessary to achieve good measurement stability over large scan lengths, as shown in ([@R46]).
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